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Sequences of precipitate nucleation 

K.C. RUSSELL 
Department of Materials Science and Engineering, and Center for Materials Science and 
Engineering, Massachusetts Institute of Technology, Cambridge, Massachussets, USA 

H. I. AARONSON 
Department o f Me tal/urgical Engineering, Michigan Technological University, Hough ton, 
Michigan, USA 

Solid-solid nucleation theory, as recently extended to faceted nuclei, is applied to several 
problems in understanding experimentally observed sequences of precipitate nucleation 
involving transtion phases during isothermal ageing. Transition precipitates form due to a 
low interfacial energy resulting from a greater structural similarity to the matrix than the 
equilibrium phase or succeeding transition phases and in spite of a usually smaller driving 
force, tAGvl, for nucleation than any of these competing phases. Transition phases 
formed after the first one are predicted to nucleate preferentially at the interphase 
boundaries of their predecessors, also on the basis of interfacial energy, rather than AGv 
considerations. Most examples of precipitation sequences cited from the literature are in 
agreement with this prediction; the few exceptions found are noted and discussed. The 
preference of equilibrium phases for nucleating at high-energy grain boundaries and of 
transition precipitates for nucleation at dislocations and other lower energy sites is 
explained on the following basis. The high-energy boundaries reduce the net interfacial 
free energy needed for nucleation of either phase so much that the higher IAGvL for the 
equilibrium phase becomes dominant. At the lower energy sites, the smaller reduction in 
AG *, the free energy of activation for nucleation, provided makes the lower interfacial 
energy of the transition phases the dominant factor in causing such phases to nucleate 
more rapidly. 

1. Introduction 
The combination of the near ubiquity of transition 
phases in metallic alloy systems which can undergo 
precipitation from solid solution, the presence of a 
variety of nucleation sites and the preference of 
individual phases for specific types of site results 
in a considerable range of sequences of precipitate 
nucleation. Since these sequences are not only of 
much interest from the viewpoint of the 
mechanism of phase transformations per  se but 
also control the evolution of the mechanical 
properties of precipitation-hardened alloys~ a 
number of comprehensive efforts has been made 
to summarize and interpret the available experi- 
mental observations [1 -6 ] .  The present paper is 
of more restricted scope, focusing attention 
primarily on some new insights into particular 
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aspects of the overall theoretical problem which 
have deyeloped out of recent [7] and current 
[8, 9] considerations of the influence of crystal- 
lography upon the mechanism and kinetics of 
solid-solid nucleation. Some of the concepts 
presented here have been previously proposed by 
others in less specific form; the availability of a 
more detailed formalism for the kinetics of  
nucleation will be seen, however, to permit more 
complete understanding of the specific effects of 
interest. 

2. Solid--solid nucleation kinetics 
The steady state rate of nucleation, J, is given by 
[10]: 

J = Z ~ * N e x p ( - - A a * / k T )  (1) 
where Z = Zeldovich non-equilibrium factor 
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(Z ~ 10-2), /~* = rate at which solute atoms join 
the critical nucleus, N = n u m b e r  of atomic 
nucleation sites per unit volume, A G * =  free 
energy of activation for formation of the critical 
nucleus, and k T =  the product of Boltzmann's 
constant and the absolute temperature. 

The existence of particularly good lattice 
matching at 'certain orientations of the nucleus: 
matrix boundary is taken to result in the intro- 
duction of planar facets on the nucleus [7]. The 
nucleus morphologies considered are based upon 
one sphere for homogeneous nucleation and upon 
caps of two spheres for grain-boundary nucleation. 
In the particular examples treated, a facet is 
assumed, for simplicity, to be present at only one 
boundary orientation of a sphere or a spherical 
cap. Although faceting affects Z, /3* and AG* in 
Equation 1, its predominant influence was found 
to be exerted upon AG*, which in turn is the 
dominating factor in J [8]. 

Of the models treated [8], the two which are 
most useful in examining the present set of 
problems are the homogeneously nucleated 
faceted sphere (Fig. la) and the faceted grain- 
boundary allotriomorph (Fig. lb and c). The 
precipitate phase is designated as/3 and the matrix 
as a. Application of the faceted sphere to 
nucleation at dislocations represents a quite crude 
approximation, but one which will be useful if it is 
kept in mind that the primary role of dislocations 
involves strain energy rather than interfacial 
energy [11-15] .  The nuclei of Fig. lb and c are 
appropriate for large-angle grain boundaries and 
coherent interphase boundaries, respectively. 

For the faceted sphere of Fig. 1 a [8] : 

161ra~ (1 -- 2f{c~}) (2) 
AG* -- 3(AGv+ W) 2 

where f{~} = (2 -- 3 cos~ + cosaoe)/4, ~ = 
cos-l(o~g/oat3), o~t~ = interfacial energy of a dis- 
ordered (spherically curved) a:/3 boundary, o~C = 
interfacial energy of a partially or fully coherent 
facet, AGv = volume free energy change attending 
nucleation and W = volume strain energy 
accompanying the formation of a critical nucleus. 
W should be zero for an incoherent nucleus [16] 
and can be calculated by the method of Eshelby 
[17], for the coherent case. Strain energies for 
partially coherent nuclei tie between these two 
extremes, but are very difficult to calculate, f{~}, a 
common function in heterogeneous nucleation 
theory~ is plotted versus ~ in Fig. 2. As o~t3/o~ 
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Figure t Possible faceted precipitate shapes for (a) 
homogeneous nucleation; (b) nucleation at a grain 
boundary; (c) nucleation at a coherent interphase 
boundary. 

approaches zero (low energy facet), a-+T r~2, 
f{a}-~ �89 AG* ~ 0 and the nucleus becomes a disc 
of infinitesimal thickness. Clearly, an especially 
low value of o ~  for one particular nucleating 
phase can result in the lowest possible AG* in that 
system, assuming that [AGvi is not too much 
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Figure 2 Dependence of catalytic potency function f{a} 
on contact angle, c~. 



smaller than for other possible phases. It should be 
noted, however, that excess vacancies can alter 
aG [161. 

In the case of nucleation at a planar, disordered 
grain boundary of interracial energy o ~  a facet 
may appear at one boundary orientation on only 
one side of the nucleus, as seen in Fig. lb , t  when 
no rational relationship exists between the nucleus 
and the adjacent matrix grain. For this nucleus, 

161ro~ (2f{~ }-- f{a}) (3) 
AG* - 3(AGv+ W) 2 

where the form of f{ff} is identical to that off{a} 
and ff =cos-~(oa~/2o~fl). AG* thus decreases 
progressively through further truncation o f  the 
"upper" portion of the nucleus of Fig. lb as 
ogfl/u~ decreases from unity to o ~ / 2 % ~ ,  where 

= a, and the facet becomes coincident with the 
grain boundary. AG* continues to decline as 
oea/(~c~fl is further reduced, becoming zero when 
~ = oc~ + o~fl.e Similar considerations apply to 
the model of Fig. lc for nucleation at a coherent 
interphase boundary where facets may truncate 
both caps, at the same orientation when the two 
matrix phases are identical in crystal structure and 
orientation; details are given elsewhere [9]. 

Thus for both homogeneous and heterogeneous 
nucleation large reductions in AG*, hence exceed- 
ingly large increases in the rate of nucleation may 
be effected by the inclusion of a facet (or facets) 
of sufficiently low energy in the interphase 
boundary of the critical nucleus. It is also quali- 
tatively apparent, even though the quantitative 
details have yet to be developed, that further 
reductions in AG* may be produced by the 
presence of facets at additional orientations of the 
nucleus :matrix boundary. 

3. The nucleation sequence of transition 
phases 

These ideas are conveniently expressed in terms of 
the transition phases in the prototypical N-rich 
region of the A1-Cu system, but are of quite 
general applicability. They can be considered as a 
further development of the views of Hornbogen 
[5, 6] on this subject. 

3.1. From the viewpoint of volume free 
energy change 

Fig. 3 shows the solvus temperatures for the equi- 
librium 0 phase, the transitional 0" and 0' phases 
and GP zones in A1-Cu. At ageing temperatures 
somewhat below all of these solvi, the precipi- 
tation sequence observed experimentally is 
[2,191: 

a(supersaturated) -+ GP zones -+ 8" -+ 0' -~ 0. 

Consideration of this precipitation sequence is 
begun upon the basis of the AGv term in 
Equations 2 and 3. Assuming that the a Al-Cu 
solid solution is sufficiently dilute to allow 
replacement of activities~: by compositions and 
that the precipitate phase is markedly solute-rich 
[20]: 

RT In x ~  
ACv = (4) 

V~ x~ 

where R = gas constant, Vfl = molar volume of the 
/3 (precipitate) phase, x~ = mole fraction solute, in 
the a matrix prior to ageing and x ~  = mole 
fraction of solute in a at the a/(a  +/3) solvus. 
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Figure 3 Solvi of O, 0', 0", and GP zones in the A1-Cu 
system. After Hornbogen [6] and Beton and Rollason 
[211. 

It is important to note that during growth, the 
broad faces of GP zones and of 0" plates remain 
fully coherent [2] and the broad faces of 0' plates 
become partially coherent quite slowly [22, 23]. 

AG* for the  nucleus of  Fig. lb  is independent  of  the  angle which the facet makes  with the  grain boundary  as long as 
this angle is equal to or less than  tha t  needed to bring the facet into contact  with the  grain boundary .  The qui te  
difficult  problem o f  A G* for larger facet-boundary angles o f  this nucleus  is considered elsewhere [ t 8] .  

$ Surprisingly, activity data do no t  appear to be available within this phase field. 
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Figure 4 Crystal lattices o f  a, 0, 0',  and 0" and GP zones in 
o, A1 atoms;  o, Cu atoms.  

Hence the solvus curves of these precipitates (see 
Fig. 3), even when properly determined by means 
of dissolution experiments, should represent the 
coherent solvii. Therefore, the volume strain 
energy associated with the broad face coherency is 
already accounted for and should not be algebraic- 
ally added to AGv. It thus follows from Fig. 3 that 
the nucleation driving force, AGv, is successively 
more negative (at the same temperature and xa) 
for GP zones, 0", 0' and 0:~. If AGv were the 
primary factor controlling the kinetics of 
nucleation, at a given temperature the 0 phase 
would then be the first to nucleate, rather than the 
last. Hence another factor must be governing the 
sequence of precipitation; this factor will be seen 
to be that of interfacial energy. 

3.2. From the viewpoint of interfacial 
energy 

Fig. 4, from Hornbogen [6] and after Gerald 
[24], shows the lattices of the various precipitate 
phases in A1-4% Cu, and emphasizes their 
relationship to the fc c a A1-Cu matrix. The con- 
jugate habit planes of the broad faces of O" and 0' 
are {1 0 0}a in both matrix and precipitate phases 
[2] w The edges of 0' plates are formed by a 
mixture of both {1 0 0}~ and {1 1 0}c~ planes [27]. 
The small size, and especially the minute thickness 
and substantial coherency strains associated with 
GP zones and 0" plates have prevented determin- 
ation of the edge crystallography of these precipi- 
tates; probably with introduction of little error in 
the present considerations, 0" plates will be 

GP ZONE 
(central pl6.na only) 

the  A1-Cu system. After  Hornbogen [6] and Gerald [24] .  

assumed to be bounded by {1 00}~ planes; in the 
case of GP zones, the details of edge crystal- 
lography are of little importance because these 
zones are simply monolayers of Cu [24]. The 
critical nuclei of these three phases may be reason- 
ably assumed to have plate-shape morphologies 
qualitatively similar to those observed during the 
early stages of growth. 

In considering o, the specific interfacial free 
energy of an interphase boundary, the customary 
division is made into a structural component, as~ 
(associated with interracial misfit dislocations) 
[28] and a chemical component, Ochem (resulting 
from a different proportion of the atoms of each 
species neighbouring atoms at the boundary viz a 
viz those within each crystal). These components 
may be taken as additive [29]. 

The only component of o to be considered for 
coherent GP zones is achem. Using a relationship 
for this quantity due to Turnbull [29] and deter- 
mining ~ - ~ ,  the partial molar enthalpy of solu- 
tion of Cu is an infinitely dilute solute of ~ AI--Cu, 
to be 4200 cal real -1 from the path of the GP 
zone solvus, for c~:GP zone interfaces O'ehem = 

115 erg cm-2. 
Considering now the 0" and 0' phases, the 

4.04 x 4.04A {1 0 0} planes of each which match a 
plane of the same form and dimensions in the a 
lattice have a Ostr = o. However, cr~ at the edges 
of plates of these phases may be seen from Fig. 4 
to be appreciable in the case of 0" and still larger 
in that of 0'. Both the 0" and 0' lattices can be 
sectioned so that Oehem, which is proportional to 

This is so if all phases have substantially the  same composit ion.  Otherwise, it is marginally possible that  the order of  
driving forces for nucleat ion is different  than  the order o f  phase stabilities. 
w GP zones will be treated as homogeneous ly  nucleated precipitates. Cahn [25] suggests that  GP zones may  be formed 
by spinodal decomposi t ion,  which would,  o f  course, dominate  any possible nucleat ion process. However, Lorimer [26] 
has demons t ra ted  that  the experimental ly determined GP solvus matches  the coherent  sotvus much  better  than  the 
coherent  spinodal in the A1-Z n  sys tem.  Hence at least between these two calculated curves, GP zone formation in 
A 1 - Z n  should be the  product  o f  homogeneous  nucleat ion and growth. Insufficient informat ion is available with which 
to calculate the  coherent  spinodal in A I - C u  and thus the  possibility is no t  ruled out  that  GP zone format ion in this 
system takes place by spinodal decomposi t ion.  
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the square of the composition difference across 
the interphase boundary [29], is virtually zero 
across the broad faces of plates of these phases. 
Oehem is substantial across the edges of 0" plates, 
and still larger across those of 0' plates. It appears 
probable, in fact, that despite the relatively small 
proportion of the area of critical nuclei of 0" and 
0' which the edge orientation presumably 
occupies, astr for this orientation is sufficiently 
high so that the total o = Ostr + O'ehem for each 
transition phase increases in the order: GP zones, 
0" and 0'. 

In the case of 0, while it is possible to form 
partially coherent facets with the a matrix [30], 
the overall level of matching between the a and 0 
lattices is seen from Fig. 4 to be sufficiently poor 
so that the average value of o for a:O boundaries 
should be appreciably greater than that for the 
boundaries between a and the various transition 
precipitates. 

In terms of the models for homogeneous and 
heterogeneous nucleation considered in the 
previous section, the foregoing considerations may 
be summarized by stating that when the effects of 
faceting are summed, the interfacial energy barrier 
decreases with progression through the series 0, 0', 
0 ~' and GP zones.t Once AGv becomes sufficiently 
negative for all possible precipitates, the circum- 
stance that AG* is proportional to the product of 
some function of ~ and a and the third power of 
oa~ but only to the negative second power of 
AGv + W will tend to make the interfacial energy 
factor the dominant one, thus explaining the 
observed sequence of precipitates. 

A more quantitative treatment of this problem 
requires determination of the equilibrium shape 
for each precipitate involved at the type of site at 
which it nucleates (this shape being a useful 
approximation of the critical nucleus shape). 
Kinetic factors, however, will make the necessary 
experimental determination of these shapes very 
difficult to accomplish. 

4. Nucleation sites of successive transition 
phases 

When the first transition phase to form makes its 
appearance, at least two depressant effects are 
exerted upon the nucleation probability of any 

succeeding transition phases and of the equi- 
librium precipitate. First of all, AGv for nucleation 
of the other phases becomes less negative at all 
nucleation sites lying within the (time dependent) 
diffusion fields of the individual precipitates of the 
first phase. Further, nucleation of the first 
transition phase consumes some proportion of the 
available nucleation sites, thereby reducing N in 
Equation 1. This may be a particularly important 
consideration if the initial phase forms on some 
easily saturable site, such as dislocations. 

The extent of the diffusion field, and thus the 
reduction in IAGvl for the nucleation of the 
remaining precipitate phases, is readily calculated 
for planar, spherical or cylindrical precipitates of 
the initial transition phase [32]. For typical 
numbers of precipitates per unit volume and 
ageing temperatures in N-base alloys, the time 
required to produce overlapping of the diffusion 
fields of adjacent precipitates - a useful approxi- 
mation of the time needed to make AGv for 
further nucleation less negative essentially 
throughout the remaining volume of matrix - is of 
the order of seconds or minutes in quenched and 
aged alloys (where additional nucleation sites 
introduced during the quenching process expedite 
nucleation during subsequent ageing [ 3 3 ] ) a n d  
somewhat longer if specimens are isothermally 
reacted immediately after solution annealing. 

Given the foregoing handicaps which the 
nucleation and growth of the first transition 
precipitate impose upon the nucleation of subse- 
quent precipitates, it is suggested that the 
nucleation of the next precipitate should occur 
preferentially at the interphase boundaries of the 
first one, and that succeeding precipitates ought to 
follow the same pattern. Supersaturation for the 
nucleation of ~n+l (the (n + 1)th phase to appear) 
is initially ldss at the interphase boundaries of 
phase /3n than at locations further removed from 
these boundaries. However, the greater importance 
of minimizing the interfacial free energy than of 
[AGv[ previously noted and the circumstances that 
interphase boundaries, being an areal type of 
defect, can usually contribute much more energy 
to the nucleation process than dislocations, should 
make the interphase boundaries of phase /3 n the 
most favoured intragranular site for the nucleation 

Upon the basis of available experimental data on the relative cr's of disordered interphase and grain boundaries [31], 
the assumption is made that energies of disordered boundaries between a and the various transition phases are unlikely 
to be much different. Hence f{a} should depend primarily upon ere/3, Also, f{qJ} is taken to be similar for the equi- 
librium and for the various transition phases on the same grounds. 
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of phase fn+l" The structural similarity often 
obtaining amongst successive transition phases 
should allow the formation, during the nucleation 
process, of fin :fn+ 1 boundaries of particularly low 
energy. Such boundaries are most useful in respect 
of reducing AG*, however, when they replace 
a : f ,  boundaries of relatively high interfacial 
energy. 

Nucleation at locations other than interphase 
boundaries may be expected when the volume 
change accompanying the precipitation of fn 
crystals is sufficiently large to cause extension of 
the original nucleation site into regions where AGv 
is more negative, or the creation of new nucleation 
sites which also propagate into such regions. In the 
former category is included climb of the dis- 
location [34-38] on which nucleation initially 
occurred. Propagation of dislocations from the 
interphase boundary, for example by punching 
[39], is a good example of the second. Aggre- 
gation of vacancies resulting from accommodation 
of the Volume change, when the average volume 
per atom is smaller in the precipitate than in the 
matrix, into small clusters some distance away 
from the interphase boundary is another possible 
example of the second type. 

It is also possible, though none too probable, 
that the rate of nucleation of f,~§ is sufficiently 
similar to that of/3, so nucleation oft3~. 1 precipi- 
tates can occur at sensible rates either on the same 
type of defect as that favoured by /~n, or, more 
likely, on  another type of defect, prior to the 
occurrence of a significant solute loss at such 
nucleation sites. The extreme sensitivity of the 
rate of nucleation to small differences in the 
variables comprising AG* makes this type of 
exception difficult to accept unless the density of 
nucleation sites is quite high and the diffusivity in 
the matrix is tow. 

Evidence that one precipitate phase has 
nucleated at the interphase boundaries of another 
is best obtained by transmission electron micro- 
scopy. Acquistion of such evidence-is not an 
uncommonly difficult task unless the particles of 
the first phase are very small and/or not easy to 
place in good constrast with respect to the matrix 
phase. These difficulties have complicated demon- 
stration that precipitates nucleate at GP zones and 
in some cases extensive reliance has had to be 
placed upon indirect methods. Nonetheless, good 
evidence for this phenomenon has been obtained 
in a number of aluminium-base alloys [24, 
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40-45]  and in some a Fe-X alloys [46-48] .  
Cases in which direct transmission electron micro- 
scopic evidence has been obtained for the 
nucleation of either another transition phase or 
the equilibrium phase at the interphase boundaries 
of a transition phase include the nucleation of 0 at 
0' in A1-Cu [49, 50], 0' at 0" in Al-Cu [6], F%C 
at Fe2.4C in a Fe-C [51]~ rl (Ni3Ti) at 3" in 
Ni -Cr-Ti  [52], a at a (or 6) in austenitic stainless 
steel [53, 54] and Cr7C3 at Fe3C in steels contain- 
ing less than 2% Cr [55]. 

However, there have also been some reports of 
independent nucleation of fn .  1. Such observations 
inevitably invite the question as to whether or not 
fn precipitates were resolved at the operative 
nucleation sites prior to the observation of/3n+i, 
though the ~ 50 A resolution customarily achieved 
in routine practice at least partially vitiates this 
objection. However, good observations have 
made on nucleation of M23C6 apart from M~C3 in 
Fe -C-Cr  and F e - C - C r - X  [55, 56], of Fe3C 
apart from F%.4C in Fe -C-Ni  [57] and of V4C3 
apart from Fe3C in F e - C - V  [ 5 7 ]  during the 
tempering of martensite. The density of nucleation 
sites for carbides is unusually high in these micro- 
structures; the rate of carbon diffusion is also high 
but that of substitutional alloying elements is very 
low. At least during the nucleation of the alloy 
carbides, that portion of AGv involving the alloy- 
ing element may not have been much altered by 
the initial precipitate at an appreciable fraction of 
the available non-interphase boundary nucleation 
sites prior to the nucleation of the second precipi- 
tate. Partition of Ni between Fe2.4(2 and ferrite in 
the immediate vicinity of the c~:Fe2.4C bound- 
aries, however, may have been involved in the fail- 
ure of Fe3C to form at Fe2.4C in Fe-C-Ni .  On the 
other hand, occurrence of such precipitation in 
Fe--C also suggests the possibility that the 
addition of Ni may have significantly decreased 
the interfacial energy advantage of this mode of 
nucleation. 

5. Preference of equilibrium precipitates 
for disordered grain boundaries and of 
transition precipitates for intragranular 
sites 

5.1. At high-energy grain boundaries 
These preferences are experimentally well estab- 
lished [1,6] .  For simplicity, consider the model 
of Fig. lb to apply to the nucleation of both an 
equilibrium and a transition phase at a disordered 



(high energy) grain boundary. Because o ~  has a 
relatively high value, ff will be relatively small, as 
will 2f{~ }. A still further reduction in AG* will be 
produced by f{a}, and since (~ /oc~ should be 
lower for a transition than for an equilibrium 
phase, 2f{~}-f{a} ought to also be smaller. 
However, the reduction in f{~} is suggested to be 
sufficiently substantial for the equilibrium phase 
so that its larger LAG,,I, as raised to the second 
power in Equation 3, will more than compensate 
for the smaller value of 2f{ff}--f{a}. Thus, at a 
grain boundary, the equilibrium phase should have 
the smaller AG*. 

5.2. At  d is loca t ions  
The effects of dislocations on nucleation have 
been considered by Cahn [12] and Gomez- 
Ramirez and Pound [11] for incoherent nuclei 
and by Larch6 [13]. Lyubov and Solov'yev [14] 
and Dollins [15] for the coherent case. A detailed 
comparison between the effects exerted upon 
incoherent and coherent nuclei - which may be 
roughly equated to the equilibrium and to a 
transition phase, respectively - does not appear to 
have been made. However, inspection of the Cahn 
[12] and Gomez-Ramirez and Pound [11] treat- 
ments viz a viz that of Larch6 [13] suggests that 
the reduction in ~G* which can be achieved in the 
case of coherent nuclei is comparable to that 
obtained for incoherent nuclei. Combined with the 
smaller values of o ~  characteristic of transition 
phases, this reduction is evidently sufficient to 
make AG* consistently less for transition than for 
equilibrium phases at dislocations. 

The strength of the influence which dis- 
locations exert upon coherent nuclearion may be 
most clearly apprehended from the work of 
LarcM [13]. For spherical nuclei, the effect of 
elastic interaction with a nearby edge dislocation 
is to replace ac~ in Equation 2 by 

%r - 91r (1 - v)  leTI ( 5 )  

where b is the Burgers vector of the dislocation, p 
is the shear modulus, e T is the stress-free trans- 
formation strain, and p is Poisson's ratio. The 
other terms in Equation 2 (specifically, AGv and 
W) are unchanged. For b = 2.5 x 10-Scm, u = 0.3, 
p = 4 x 1011ergcm -3 and e T = 0.05, the correc- 
tion factor is a very significant 33 ergcm -2. 
Nucleation may, however, be depressed near dis- 
locations if the precipitate has little or no misfit 

strain and has higher shear modulus than the 
matrix [13]. In this case the "hard" precipitate 
increase~ the strain energy associated with the 
dislocation. 

Larch6's calculations thus provide a physical 
basis for the observations of Hornbogen and Roth 
[58] that at small undercoolings coherent 
nucleation of 7' in Ni -A1-X alloys takes place 
preferentially at dislocations when the misfit 
between matrix and precipitate is appreciable, but 
not when alloying reduces the misfit effectively to 
zero, 

6. Conclusion 
Sequential precipitate nucleation has been 
discussed on the basis of straightforward solid- 
solid nucleation theory. It is noted that consider- 
ation of AGv, the volume free energy change 
associated with nucleation, leads to a sequence of 
precipitation just the inverse of that experi- 
mentally observed in the prototypical N-rich A1- 
Cu alloys. In agreement with Hornbogen [5, 6], 
the various transition phases and the equilibrium 
phases are concluded to nucleate in order of 
increasing precipitate :matrix interfacial energy. 

The nucleation of/~n+l (the (n + 1)th precipi- 
tate phase) is predicted to take place at the inter- 
phase boundaries of phase/3n on the grounds that 
partial depletion of the available AGv by the form- 
ation of/3n (and any predecessors) makes impera- 
tive the large contribution of interfacial energy 
which ~n can offer to reducing 2xG* to a level 
allowing detectable intragranular nucleation 
kinetics. A number of examples of precipitation 
sequences which fulfill this prediction is cited 
from the literature. Three exceptions, all involving 
the precipitation of carbides in tempered marten- 
sitic alloy steels, are also noted. These are ascribed 
to a combination of a high density of nucleation 
sites and the very slow diffusion of substitutional 
alloying elements in ferrite at the temperatures 
involved. Thus, nucleation of ~ did not alter the 
conditions for formation of succeeding phases, 
which precipitated independently, and at a slower 
rate. 

The preference of equilibrium phases for 
nucleation at disordered grain boundaries and of 
transition phases for nucleation at intragranular 
sites is explained upon the basis of the large 
contribution to the interfacial free energy for 
nucleation which can be made by such grain 
boundaries. The smaller reduction in AG* by the 
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lesser area of facets expected on an equilibrium 
precipitate is thus more than compensated for by 
the substantial contribution of grain-boundary 
energy. It then becomes possible for the larger 
[AGv] from the equilibrium precipitate to make 
AG* smaller for this phase than for a transition 
phase at disordered grain boundaries. 

The theoretical studies of previous investigators 
[11-15]  suggest that dislocations, especially those 
of edge type, are approximately as effective in 
reducing AG* of transition (~  coherent) as of 
equilibrium (2  incoherent) precipitates. Taken in 
conjunction with the lower interfacial energies 
characteristic of transition precipitates, these are 
accordingly the phases most likely to be nucleated 
at dislocations. The work of Larch6 [13] shows, 
however, that this effect is important only when 
there is substantial misfit between the matrix and 
precipitate lattices. This predicition is consistent 
with the experimental observations of Hornbogen 
and Roth [58]. 
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